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Abstract

Anisotropic plastic deformation in columnar-grained copper in which preferentially oriented nanoscale twins are embedded is studied
by experimental testing, crystal plasticity modeling and molecular dynamics simulations. The dominant deformation mechanism can be
effectively switched among three dislocation modes, namely dislocation glide in between the twins, dislocation transfer across twin
boundaries, and dislocation-mediated boundary migration, by changing the loading orientation with respect to the twin planes. The con-
trollable switching of deformation mechanisms not only leads to a marked dependence of yield strength on loading orientation, but also
induces a strong orientation dependence of strain hardening that can be critical for retaining tensile ductility. These results demonstrate a
new route for tailoring both nanostructure and loading to control the deformation mechanisms in order to achieve the desired mechan-
ical properties in engineering materials.
� 2012 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

An overarching goal of engineering nanostructured
materials is to achieve the desired combination of strength,
ductility and work-hardening properties for particular
applications [1–3]. Nanocrystalline materials usually exhi-
bit high strength but their ductility and work hardening
are limited because dislocation activities are suppressed
by the tiny crystallites [2,4]. In contrast, nanotwinned
face-centered cubic (fcc) metals exhibit a combination of
high strength and moderate ductility and work hardening
[5–10]. This has been attributed to a high density of ran-

domly distributed twin boundaries (TBs) that restrict dislo-
cation slip in a manner analogous to conventional grain
boundaries (GBs) while retaining ample room for disloca-
tion accumulation and plastic strain accommodation
[5,6,11]. In equiaxial-grained nanotwinned Cu (nt-Cu) with
h110i texture, it was demonstrated that the strength
increases with decreasing twin thickness, as predicted by
the well-known Hall–Petch model based on dislocation
pile-up (the first deformation mechanism) [6]. However,
when the twin thickness falls below a critical size, the
strength is reduced by nucleation and motion of partial
dislocations parallel to the twin planes (the second defor-
mation mechanism) [12,13]. In Cu samples with preferen-
tially oriented nanoscale twins, the movement of
threading dislocations confined inside the twin lamellae
could dominate the plastic deformation when the tensile
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axis is parallel to the twin planes (the third deformation
mechanism) [14]. In spite of intensive study of deformation
mechanisms in nanostructured metals, it is interesting to
note that the above three dislocation-based deformation
mechanisms have never been reported in the same material.

The TB orientation can be an essential factor governing
the deformation behavior of nanotwinned metals. In
contrast to normal GBs that impede dislocation move-
ment, the coherent TBs allow dislocation glide within twin
planes. TBs can also act as dislocation barriers as well as
dislocation sinks, as revealed in detail by previous model-
ing [15–20]. With a change of TB orientation, the dominant
effect of TBs on dislocation glide can vary, leading to TB
orientation-dependent plastic response, i.e. anisotropic
plasticity. However, a systematic experimental investiga-
tion on the anisotropic plastic behavior and properties of
nanotwinned metals is still lacking, due in part to the diffi-
culty of synthesizing bulk nanotwinned sample with prefer-
entially oriented twins.

Plastic anisotropy is an important feature in laminate
materials. For instance, in poly-synthetically twinned
(PST) TiAl alloys [21–25], it was found that the yield stress
of PST TiAl alloys with twin lamellae is strongly dependent
on the loading orientation relative to the lamellar interfaces
[21–23]. This type of plastic anisotropy was attributed to
the activation of dislocations with different slip modes as
dictated by the distinct and complicated microstructures
with c and a2 phases in PST TiAl alloys [24]. Recently,
Mara et al. [26] also showed that nanolaminate Cu–Nb pil-
lars yield at a relatively low stress when compressed at 45�
with respect to the interfaces. Most of previous studies
focused on the orientation effect of incoherent interphase
interfaces. Coherent twin interfaces in single-phase fcc met-
als present a uniquely interesting case, because the twin
interfaces also act as slip planes of dislocations and provide
ample room for dislocation storage [3].

In this paper, we show that a columnar-grained Cu with
preferentially oriented nanotwins is an ideal candidate to
probe the plastic anisotropy of nanotwinned metals. This
was achieved by combining experiments, crystal plasticity
modeling and massively parallel molecular dynamics
(MD) simulations. Our work reveals that the three defor-
mation mechanisms, i.e. dislocation pile-up, confined dislo-
cation glide and partial dislocation-induced TB migration,
could be controllably switched by tuning just one parame-
ter, namely the orientation of TBs with respect to the load-
ing direction. The results not only advance the
understanding of the strengthening mechanisms in nano-
structured metals, but also point to a new route for con-
trolling and optimizing the mechanical properties for
nanostructured metals.

2. Experimental procedure

High-purity Cu sheets with nanoscale growth twins were
synthesized by means of direct-current electrodeposition
from an electrolyte of CuSO4. The procedure is described

in detail in Ref. [14]. By carefully controlling the deposition
parameters, nt-Cu sheet with highly aligned nanotwins was
deposited to a thickness of �1.5 mm, which enables the
measurement of mechanical properties through normal
compression testing along different directions with respect
to the preferentially oriented TBs.

Compression samples with a cross-section area of
0.8 � 0.8 mm2 and a length of 1.2 mm were cut from the
as-deposited Cu sheet using an electric spark machine
and then mechanically ground to the desired dimension.
To investigate the anisotropic mechanical properties, sam-
ples with their compression direction oriented at different
angles (h), including perpendicular (h = 90�), parallel
(h = 0�) and inclined (h = 45�), with respect to the deposi-
tion plane (coincident with the twin planes which are pref-
erentially oriented parallel to the deposition plane), were
produced, as illustrated in Fig. 1.

Uniaxial compression tests at room temperature were
performed on an Instron 5848 microtester with a 2 kN load
cell at a strain rate of 1 � 10�3 s�1. The cross-head dis-
placement was used to determine the imposed strain, cor-
rected for machine compliance. To minimize the friction
between samples and platens, which had been polished to
mirror finish, vaseline paste was used as a lubricant during
compression tests.

Plan-view and cross-section view of microstructures of
the as-deposited Cu specimens were examined by field
emission gun scanning electron microscopy (SEM) in a
FEI Nova NanoSEM 430 microscope with backscattering
electron imaging. The samples were mechanically polished,
then electropolished in a solution of phosphoric acid
(25%), alcohol (25%) and deionized water (50%) at room
temperature. To explore the deformation microstructure,
cross-section observations of the samples compressed in
different directions were performed by transmission elec-
tron microscopy (TEM) using a JEOL 2010 microscope
with an accelerating voltage of 200 kV.

3. Atomistic simulation

We have performed large-scale atomistic simulations to
study the interactions between dislocations and TBs in
samples loaded in different directions with respect to TBs.
Our results provide insights into the orientation effect of
dislocation nucleation and propagation in nanotwinned
metals; these findings complement the experimental work
and the crystal plasticity modeling. The details of the atom-
istic simulation are described below.

The simulated sample consists of four columnar grains
with a high density of nanotwins, as shown in Fig. 2. The
mean grain size is about 50 nm, and the subgrain twins have
a thickness of 5 nm. These characteristic sizes are directly
scaled down from the experiments. The whole system con-
tains 25.5 million atoms. The sample is ½1�1�1�-textured,
and four grains have in-plane orientations of 0�, 30�, 60�
and 90� relative to a horizontal axis (i.e. the x-axis), so that
all the GBs are of high-angle type. The system is initially
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equilibrated for 500 ps at 300 K and then subjected to three
different loadings (illustrated in Fig. 2): (1) 0� compression,
(2) 90� compression and (3) 45� compression. These loading
conditions are accomplished through stepwise straining at a
constant engineering strain rate of 2 � 108 s�1. Since the
strain rate used in MD simulations is 10 orders of magni-
tude higher than that in experiments, the flow stresses from
MD simulations are typically larger than those from exper-
imental measurements.

For the 0� and 90� compression cases, the uniaxial load-
ing conditions are realized by relaxing the simulation cell
size in two other directions using the Berendsen barostat
[27]. The 45� compression case is regarded as a combina-
tion of biaxial compression and pure shear. Throughout
the simulations, periodic boundary conditions are applied
in all three directions. We use the embedded atom method
potential [28] to compute the interatomic forces, the Nosé–
Hoover thermostat [29] to maintain constant temperature,
and a multiple-time-step algorithm [30] for time integra-
tion. To visualize and identify defects during plastic defor-
mation, we use the local crystalline order method [31]
based on the following coloring scheme: grey for fcc atoms,

red for hexagonal close-packed (hcp) atoms in TBs or
stacking faults, green for atoms in dislocation cores or
GBs, blue for atoms in the vicinity of vacancies, and yellow
for fully disordered atoms. In addition, another coloring
scheme (referred to as the position-based coloring) is used
to generate 3-D effects, where the colors represent the dis-
tance of atoms from the center of the simulated grain.

4. Results and discussion

4.1. As-deposited nanotwinned copper

Fig. 3a shows a plan-view SEM image of the as-depos-
ited sample, where numerous polycrystals are separated
by clear and sharp GBs. The grain size exhibits a distribu-
tion from 1 to 6 lm with an average value of �3 lm (see
Fig. 4a). The cross-section SEM observation in Fig. 3b
shows that these grains are columnar in shape and further
subdivided into parallel nanoscale twin lamellae with most
TBs parallel to the deposition plane. Statistics of twin
thickness (i.e. k, the spacing between two adjacent TBs)
based on the TEM images reveals an average twin thick-
ness of �30 nm (see Fig. 4b). The electron backscatter
diffraction (EBSD) analysis indicates that the as-deposited
nt-Cu sample has a strong {111} out-of-plane texture, as
shown in the inverse pole figure of the growth directions
of the grains (the inset of Fig. 3a).

4.2. Anisotropic deformation behaviors

Fig. 5a shows the compression true stress vs. true strain
curves of columnar-grained nt-Cu, which exhibit a strong
dependence on loading direction. For Cu samples tested
with the compression axis oriented at 90� and 0� with
respect to TBs, the measured yield stresses are 598 ± 31
and 463 ± 16 MPa, respectively. Both samples exhibited
only minor work hardening. In contrast, compression tests
with the loading axis oriented at 45� to TBs result in a
much lower yield stress of 230 ± 19 MPa, but accompanied
by substantial work hardening. Evidently, Cu samples
with preferentially oriented twins show strongly aniso-
tropic plastic deformation behaviors in different loading

(a) (b) (c)

Fig. 1. Schematic diagram showing the uniaxial compression direction with respect to the TBs: (a) 90� compression; (b) 0� compression; (c) 45�
compression.

Fig. 2. Atomic configuration of the simulated samples. The directions of
three loading modes (90� compression, 0� compression and 45� compres-
sion) are indicated by the green, red and blue arrows, respectively. Each
columnar grain is also labeled by an orange index. The x, y, z axes within
the matrix of grain A are oriented in the crystallographic directions ½1�12�,
½1�1�1� and [110], respectively. Grains B, C and D are rotated counter-
clockwise along the ½1�1�1� direction (y axis) by 30�, 60� and 90�,
respectively. Atoms are colored based on the local crystalline order.
(For interpretation of the references to colour in this figure legend, the
reader is referred to the web version of this article.)
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directions with respect to TBs. Fig. 5a also shows the stress
vs. strain curves from the crystal plasticity modeling
(Appendix A), which are in accord with experimental
measurements.

The stress–strain curves from MD simulations of colum-
nar-grained nt-Cu with a mean grain size of 50 nm and
twin thickness of 5 nm are shown in Fig. 5b. The peaks
of these stress–strain curves correspond to dislocation
nucleation in the initially dislocation-free samples. Once

there are enough dislocations to accommodate the imposed
deformation, the stress drops to a characteristic lower level
associated with the operative deformation mechanisms.
Accordingly, we define the flow stress as the average stress
beyond 7.5% strain, a level that sufficiently bypasses
the initial stage of deformation controlled by dislocation
nucleation. For 90� compression and 0� compression, the
flow stresses are 2.646 ± 0.158 and 2.145 ± 0.083 GPa,
respectively. In contrast, the flow stress is as low as
0.997 ± 0.136 GPa in 45� compression. Because of the
short time scale accessible with MD, the sample is
deformed at a high strain rate of 2 � 108 s�1. The calcu-
lated flow stresses are thus much higher than experimental
measurements. For columnar-grained nt-Cu with a twin
thickness of �5 nm and a mean grain size of �50 nm, the
flow stress is experimentally measured to be higher than 1
GPa (see below), thus giving a difference by a factor of
2–3 due to the effect of ultra-high strain rates, consistent
with previous MD simulations [32,33]. Clearly, the MD
simulation results also confirm the strongly anisotropic
plastic deformation behaviors of nt-Cu in different loading
directions. The ratios of flow stress in Fig. 5b in 90� com-
pression (r90) to that in 0� compression (r0) and in 45�
compression (r45) are 1.23 and 2.65, respectively, which
are quantitatively consistent with experimental values in
Fig. 5a (r90/r0 = 1.29, r90/r45 = 2.6).

The anisotropic mechanical behaviors of metals and
alloys have been previously attributed to various causes,
such as crystallographic texture [34], precipitates [35],
latent hardening [36] and deformation-induced dislocation
boundaries [37,38]. For the as-deposited nt-Cu without
prior strain history, one possible explanation is the pre-
existing {111} out-of-plane texture. However, the conven-
tional Taylor model [39], which is useful in describing tex-
tural anisotropy [34], reveals a Taylor factor of 3.338 for
90� compression, 3.169 for 0� compression, and 2.987 for
45� compression based on the measured texture. This cor-
responds to stress ratios of r90/r0 = 1.05 and r90/
r45 = 1.12, which are much smaller than the experimental
and simulation values. Therefore, the strong anisotropy
in the yield stress and strain hardening in nt-Cu must be
caused by other factors.

5 µµm

(a) [111]

[110][100]

5 µm

(b)

G
D

Fig. 3. SEM images of the as-deposited Cu sample. (a) Plan view. (b) Cross-section view. The images reveal that the sample is composed of micron-sized
columnar gains with a high density of nanoscale twins. Most TBs are parallel to the deposition plane. The inset in (a) is the inverse pole figure of growth
directions (GD) of the grains based on EBSD measurement, which shows the significant {111} out-of-plane texture.

Fig. 4. Characterization of the representative specimen used in the
experiments. (a) Histogram of grain sizes. (b) Histogram of twin
thicknesses. The grain sizes in (a) are determined on the plan-view SEM
images, while the twin thicknesses in (b) are from the cross-section TEM
observations.
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4.3. Hard vs. soft slip mode

To understand the origin of the strongly anisotropic
yield stress and strain hardening, crystal plasticity model-
ing was conducted to determine the dominant active slip
systems for each loading direction, as described in detail
in Appendix A. Briefly, we employed a rate-dependent crys-
tal plasticity formulation that explicitly accounts for plastic
shearing rates on all the {1 11}h11 0i slip systems. The
dominant slip mode is then determined by the slip system
with the largest plastic shearing rate. In addition, the mea-
sured stress–strain data for three loading orientations allow
us to estimate the slip resistances as a function of shear
strain on all the slip systems. These results show that the
slip systems in nt-Cu can be classified into three categories:
hard mode I (Fig. 6a-1, both slip plane and slip direction of
the active slip systems, as well as the Burgers vector, are
inclined to TBs), hard mode II (Fig. 6a-2, the slip plane
is inclined to TBs but the slip direction is parallel to
TBs), and soft mode (Fig. 6a-3, both the slip plane and slip
direction are parallel to TBs). The slip resistances in both
hard modes I and II are large, owing to the constraints
of small twin spacing on dislocation glide. In contrast,
the slip resistance in the soft mode is much lower, because
of the weak constraint imposed by the relatively large grain
size. Interestingly, each slip mode (i.e. slip system) domi-
nates in one loading direction with respect to the TBs. That
is, when the compression axis is perpendicular to the TBs
(90� compression), the slip systems of hard mode I domi-
nate. When the loading axis is parallel to the TBs (0� com-
pression), the predominant slip systems belong to hard

mode II. In the case of TBs aligned with the largest
resolved shear stress (45� compression), the favorable slip
systems are coplanar with the TBs and hence the soft mode
with the least TB blocking prevails, leading to a low yield
stress in the measured stress–strain curve.

Moreover, the loading orientation dependence of strain
hardening can also be understood in terms of the hard and
soft modes of slip. In the 45� compression case, the soft mode
becomes dominant during deformation. Hence, the work-
hardening capacity is controlled by the grain size that is
relatively large, providing enough space within the grain to
facilitate strain hardening through gradual accumulation
of dislocations during deformation. On the other hand, the
hard modes dominate for both 0� and 90� compression; in
these cases, the strain hardening is largely suppressed due
to the narrow spacing between adjacent TBs that limits the
build-up of a high density of dislocations. Compared to
the lamellar TiAl alloys, the marked anisotropy of strain
hardening in nt-Cu arises due to the easy glide of dislocations
on the coherent TBs, manifested by the frequent twinning/
detwinning revealed by MD simulations and TEM observa-
tions as discussed below. Such a unique soft mode of defor-
mation is enhanced by the nanosized twin lamellae that
provide a high volume density of coherent TBs. It is impor-
tant to emphasize that strain hardening is the dominant
factor of retaining tensile ductility, which is a highly desired
property for high-strength nanostructured metals. The vari-
ability of the strain-hardening behavior with different load-
ing orientations in nanotwinned metals opens up
possibilities of optimizing the strength and ductility by
controlled arrangement of TB orientations. In contrast,

Fig. 5. Stress–strain curves for the columnar-grained nt-Cu with compression axis oriented at 90�, 0� and 45� with respect to TBs. (a) True stress–strain
curves from experiment (lines) and finite-element method (FEM) simulation based on crystal plasticity modeling (symbols). (b) Stress–strain curves from
MD simulations.
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the accommodation of plastic strain across the interfaces in
laminate materials (e.g. boundaries across the lamellar c and
a2 phases in TiAl alloys) can be severely limited, thus reduc-
ing the strain-hardening capability and causing the easy frac-
ture along the interfaces. This represents another important
difference between the nanoscale twin-induced plastic
anisotropy in pure metals and that in traditional laminate
composites and alloys.

4.4. Atomistic dislocation mechanisms

MD simulations were used to probe the atomic-level dis-
location activities related to the orientation dependence.
Fig. 7 reveals the strained atomic configurations of the sim-
ulated samples at the same strain level of 9.34% but under
different loading modes. Under 90� compression, disloca-
tion traces remain short due to the blocking effects of
TBs, whereas the dislocations extend much longer along
TBs for the cases of 0� and 45� compressions. The active
slip systems (including the slip plane and the Burgers vec-
tor) identified in the matrix of four grains under 90� com-
pression, 0� compression as well as 45� compression are
consistent with results from the crystal plasticity modeling.

Fig. 8a shows the details of dislocation structures at a
compressive strain of 5.82% normal to TBs. In this case,
most dislocations are nucleated from the GBs in the initial
stage and glide on the inclined {111} slip planes until they
finally pile up against TBs, indicating that TBs are strong
barriers to dislocation glide (see Supplementary Movie
S1). As the deformation proceeds, the dislocations start
to cut through the TBs when the shear stress driving the
incident dislocations is sufficiently large (see Figs. 7a and
9a). This trend agrees with previous MD simulations show-
ing dislocation pile-up against and interaction with TBs
[40–43] as the dominant deformation mechanism under
straining perpendicular to TBs. Numerous dislocation
debris accumulated along the TBs can be seen from the
post-mortem TEM observation of the sample with 90�
compression in Fig. 6b-1. The high-resolution TEM
(HRTEM) image in Fig. 6c-1 confirmed that those disloca-
tions bear the footprints of dislocation pile-up and slip
transmission at the TBs, which is consistent with the
dynamic processes revealed by the MD simulations. These
results provide direct evidence of TB obstruction to dislo-
cation glide as a major strengthening mechanism, as desig-
nated by hard mode I (Fig. 6a-1).

Fig. 6. Characteristic deformation processes in the columnar-grained nt-Cu with compression axis oriented at 90�, 0� and 45� with respect to TBs. (a)
Schematic diagrams illustrating the active slip systems for the three compression directions: (a-1), 90�; (a-2), 0�; (a-3), 45�. (b) TEM and (c) HRTEM
observations of the microstructure of samples in different loading directions: (b-1, c-1) 90� compression with a strain of �5%; (b-2, c-2) 0� compression
with a strain of �6%; (b-3, c-3) 45� compression with a strain of �7%. To reveal the dislocation types more clearly, tilting experiments were carried out,
and b-1 and b-2 are bright-field images under two-beam conditions with g ¼ ½111� (normal to TBs) and g ¼ ½200�M , respectively.
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When the loading direction was changed to be parallel
to the TBs, MD simulations revealed that the GBs were
still the favorable dislocation nucleation sites. However,
in contrast to the 90� compression, much less dislocation
pile-up and slip transfer across TBs were observed (see
Supplementary Movie S2). Instead, the dominant plastic
deformation mechanism became propagation of individual
dislocations along the inclined slip planes under the con-
straint by adjacent TBs, as shown in Figs. 7b and 9b. This
resulted in threading segments spanning individual twin or
matrix lamella with misfit segments lying in the TBs. These
dislocations have hairpin-like loop configurations, as
shown in Fig. 8b. Such threading dislocation structures
that span the twin lamellar channel observed in post-mor-
tem TEM/HRTEM observations (Figs. 6b-2 and c-2) are
rather different from those observed in the 90� compression
case. Detailed analysis shows that the Burgers vectors of

the threading dislocations are parallel to the TBs, corre-
sponding to the active slip systems of hard mode II
(Fig. 6a-2). In the initial stage, the dislocations traveled
far into the grain interior. As the applied strain increases,
more dislocations gradually accumulate in the vicinity of

Fig. 7. Strained atomic configurations of the simulated sample under
different loading modes: (a) 90� compression; (b) 0� compression; (c) 45�
compression. In (a), dislocations cut through TBs. Their traces remain
short due to the blocking effects of TBs. In (b), threading dislocations are
fully confined in the twin or matrix lamellae. Threading segments span
over the whole twin or matrix regions, while leaving behind long traces of
misfit segments on TBs. In (c), dislocations are nucleated at TB–GB
intersections and then glide on twin planes, leading to TB migration which
changes the twin lamella thickness. Atoms are colored based on the local
crystalline order. (For interpretation of the references to color in this
figure legend, the reader is referred to the web version of this article.)

Fig. 8. Dislocation microstructures revealed by MD simulations: (a)
dislocation pile-up and slip across TBs at a strain of 5.82% under 90�
compression; (b) threading dislocations nucleated from GBs and gliding in
the twin/matrix lamellae at a strain 6.39% under 0� compression; (c)
partial dislocation gliding parallel to TBs and the induced TB migration at
a strain of 7.07% under 45� compression. Dislocation structures are
rendered in the position-based coloring.

Z. You et al. / Acta Materialia 61 (2013) 217–227 223
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GBs, and the GB-affected zone would take much larger
plastic strain than that sustained by grain interiors [14].

For the case of 45� compression, the resolved shear
stress is maximized on the twin plane, facilitating the acti-
vation of the soft-mode slip (Fig. 6a-1). Shockley partial
dislocations, nucleated predominantly from the intersec-
tions between TBs and GBs, glide on the twin planes, as
shown by MD simulations in Fig. 8c (also see Figs. 7c
and 9c, and Supplementary Movie S3). The successive
motions of these partial dislocations lead to TB migration,
which thickens or narrows the twin lamellae depending on
the direction of the partial dislocation in the twin plane.
TEM observations (Fig. 6b-3) revealed fewer dislocations
inside the twin lamellae, in contrast to a relatively higher
density of stored dislocations between the TBs in the 90�
and 0� cases. This difference is an intuitive consequence
of the predominant motion of dislocations on the twin
planes but not inside the twin lamellae as revealed by
MD simulations (Fig. 8c). Many Shockley partial disloca-

tions with Burgers vector parallel to the twin plane (mani-
fested as steps on TBs) are clearly seen in Fig. 6c-3. The
coupled partial dislocation motion and TB migration have
also been demonstrated to play a key role in the plastic
deformation of nanotwinned metals in experiments
[44,45] and simulations [13,46,47], especially when the
TBs are oriented with high Schmid factors [42,43]. It
should be emphasized that the high mobility of dislocation
in the TBs plays an essential role in the enhanced work
hardening under 45� compression, which is in distinct con-
trast to other lamellar structures.

Fig. 10 shows evolution of defects as the applied strain
increases under different loading modes in MD simula-
tions. In Fig. 10a, the dislocation nucleation rates are much
higher under 90� compression and 0� compression than
that under 45� compression. In Fig. 10b, most of the dislo-
cations under 0� compression are threading/channeling dis-
locations, and some of them are partials which leave
behind numerous stacking faults spanning the twin/matrix
lamellae. For 90� compression, a large number of extended
dislocations are nucleated from the intersections between
TBs and GBs, and then slip across TBs. The stacking faults
between leading and trailing dislocations become narrow
due to the blocking effects of TBs on the leading partials.
Therefore, the number of hcp atoms in the case of 0� com-
pression is greater than that for 90� compression. For 45�
compression, twinning partial dislocations are nucleated
at the TB–GB junctions and slip on the TBs, giving rise
to TB migration and variation in twin lamella thickness.
However, such activity does not change the number of
hcp atoms before two neighboring TBs annihilate. The
increasing number of hcp atoms is caused by partial dislo-
cation nucleating from GBs and gliding on the slip plane
parallel to TBs, leaving behind large areas of stacking
faults.

4.5. Switchable deformation mechanisms and size

dependence

Our combined experimental and modeling research at
different scales provides new insights into the deformation
mechanisms of nanotwinned metals. Firstly, there are three
distinct dislocation-based deformation mechanisms in
highly oriented nt-Cu. These three mechanisms, in conjunc-
tion with the conventional dislocation–dislocation interac-
tion, constitute the dislocation-based deformation
mechanism map in terms of the loading direction (h) with
respect to TBs and the average twin thickness (k), as sche-
matically shown in Fig. 11. When k is larger than 100 nm,
the intra-twin dislocation–dislocation interaction, which is
insensitive to the loading direction, controls the deforma-
tion. However, as k is reduced below 100 nm, the disloca-
tion nucleation process and the enhanced interactions
between dislocations and TBs make possible the active
operation of different dislocation mechanisms under differ-
ent loading directions. Secondly, it can be clearly seen from
Fig. 11 that the three deformation mechanisms can be

Fig. 9. Dislocation patterns in the representative grains under different
loading modes: (a) 90� compression; (b) 0� compression; and (c) 45�
compression. Herein atoms are painted by the position-based coloring.
The silver atoms have hcp order, so single silver layers represent TBs, and
double silver layers stand for the staking faults. In (a), dislocations
nucleate at the TB–GB intersections and glide on the slip planes inclined
to TBs, as pointed out by purple arrows. Dislocation cutting through the
TB is marked by red arrows. In (b), threading dislocations nucleate from
GBs, and then slip in the confined twin/matrix, as pointed by blue arrows.
In (c), partial dislocations marked by orange arrows nucleate at the TB–
GB junctions, and slip on the TBs.
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switched by adjusting the loading direction with respect to
the twin plane. The TB-mediated dislocation processes
strongly influence the efficiency of TB strengthening, aniso-
tropic yield stress and strain hardening.

To further demonstrate the twin size and orientation
effects on deformation mechanisms, Fig. 12 summarizes
the yield stress of nt-Cu as a function of inverse twin thick-
ness (1/k) from experiments and simulations. The yield
strength of columnar-grained nt-Cu under 90� compression

fits well to the Hall–Petch curve established by the experi-
mental data obtained from equiaxed-grained nt-Cu [12]
where dislocation pile-up also dominates. This means that
the Hall–Petch strengthening (r / k�1=2) plays a crucial
role in the 90� compression. In contrast, the strength under
0� compression in this study, together with results from 0�
tensile tests [14,48,49] and microhardness measurements
[50,51] in the literature, all fall below the Hall–Petch curves
as shown in Fig. 12. Considering the observation that the

Fig. 10. Evolution of defects as the applied strain increases under different loading modes in MD simulations. (a) Dislocation density as a function of
strain. (b) Variation of the normalized number of hcp atoms (by the pre-existing number) with the applied strain.

Fig. 11. Schematic illustration of a deformation-mechanism map in terms of twin thickness (k) and loading direction (h) with respect to TBs. There are one
region corresponding to intra-twin dislocation interaction when k > �100 nm and three distinct regions when k < �100 nm: confined threading dislocation
slip (h = 0�), partial dislocation motion induced TB migration (h = 45�), and dislocation pile-up and cutting through TBs (h = 90�).
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controlling deformation mechanism is switched to individ-
ual threading dislocation motion under 0� compression, the
confined layer slip (CLS) model, as frequently used to
model the flow stress of nanoscale thin films or multilay-
ered materials [52,53], is adopted. Fig. 12 demonstrates
that the CLS model accurately captures the variation in
the yield strength of nt-Cu with twin thickness ranging
from �4.5 to �70 nm for a loading direction parallel to
TBs [14,48–51]. In the case of 45� compression, partial dis-
locations on the twin planes would be preferentially acti-
vated and there is almost no TB obstruction to their
propagation. The flow stress in this case is expected to be
controlled by dislocation nucleation at the intersections
between TBs and GBs [13], with a much lower yield stress
compared to the other two loading directions. Based on the
three dislocation mechanisms and their different scale
dependences (both mechanisms of dislocation pile-up and
confined layer slip increase with twin thickness, whereas
the partial-dislocation glide along TBs decreases with twin
thickness), a combination of three properties of high
strength, considerable ductility and strain hardening is
expected in the randomly twinned Cu, as already demon-
strated experimentally [6,10]. It was also observed that
strength, ductility and strain hardening all increase with
decreasing twin thicknesses.

5. Concluding remarks

We have identified three distinct dislocation-based
deformation mechanisms in Cu with preferentially oriented
nanoscale twins: namely, dislocation pile-up and slip trans-
fer across twin boundaries, threading dislocation motion in

the confined twin/matrix layers, and twin boundary migra-
tion mediated by motion of partial dislocations parallel to
twin boundaries. These deformation mechanisms can be
switched by simply changing the loading orientation with
respect to the twin planes, resulting in the strong anisot-
ropy in both yield strength and strain hardening. The
results highlight the novel effect of spatial organization of
nanostructures (e.g. the ordered alignment of nanoscale
twin lamellae in this work) on their mechanical behavior,
and point to the possible means of tailoring the nanostruc-
ture and loading in order to optimize the mechanical prop-
erties of engineering materials.
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Appendix A. Crystal plasticity modeling

A rate-dependent, large deformation-based crystal plas-
ticity model was used to simulate the stress–strain behav-
iors in nt-Cu [54]. A polar decomposition of deformation
gradient F was taken as F ¼ FeFp, where Fe and Fp are
the elastic and plastic deformation gradients, respectively.
The rate of plastic deformation gradient _Fp is given by
_Fp ¼ LpFp. Here, Lp ¼

P21
i¼1 _cp

i mi � ni is the plastic rate of
velocity gradient, _cp

i is the plastic shearing rate on slip sys-
tem i, mi and ni are unit vectors of the associated slip direc-
tion and slip plane normal, respectively. In the nt-Cu, the
number of effective slip systems increases to 21, owing to
mirror symmetry of the {111}h110i slip systems inclined
to TBs. A power law was used to represent the plastic
shearing rate _cp

i in terms of the resolved shear stress si

and slip resistance si, namely _cp
i ¼ _cp

0jsi=sij1=msignðsiÞ, where
_cp

0 is the plastic shearing rate constant and m is the rate-sen-
sitivity exponent of slip. The slip resistance si, with an
initial value of s0

i , evolves according to _si ¼
P

jhijj _cp
j j. Here,

hij is the rate of strain hardening on slip system i due to a

Fig. 12. Yield stress of nt-Cu (ry) as a function of inverse twin thickness
(1/k) showing the influence of loading directions on the efficiency of TB
strengthening. For equiaxed-grained nt-Cu with k larger than some critical
value [12,13] and columnar-grained nt-Cu loaded perpendicular to TBs
(h = 90�), the yield stress follows the conventional Hall–Petch relation-
ship. In contrast, when the nt-Cu was tested parallel to TBs (h = 0�)
[14,48,49] or under nanoindentation [50,51], the yield stress can be
accurately described by the confined layer slip model. For the case with
h = 45�, the yield stress is much lower than the other two cases. Also
included are the data corresponding to TB softening in equiaxed-grained
nt-Cu when k is smaller than some critical value [12,13].
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shearing on slip system j; the self-hardening rate on slip sys-
tem i is hii ¼ h0ð1� si=ssat

i Þ
a, where h0, ssat

i and a are harden-
ing parameters which take different values for slip systems
of hard and soft modes. The ratio of the latent hardening
rate to the self-hardening rate, q, was taken as the typical
value of 1.4 for fcc metals.

The above constitutive model was implemented in the
finite-element simulation package ABAQUS/Explicit by
writing a user material subroutine (VUMAT). The material
parameters (Table A1) were determined by fitting to the
experimental stress–strain data for the three loading orien-
tations, which allowed the separate calibration of slip-
resistance parameters on different slip systems of hard I,
II and soft modes. Interestingly, our numerical experiments
indicated that the fitted values of s0

i and ssat
i are approxi-

mately the same for both hard I and II modes of slip, despite
the different slip vectors and slip planes. This implied the
same kind of the strength-controlling mechanisms (e.g.
cross-slipping into the conjugate {1 11} slip planes) for
the two hard modes of slip, which requires further atomistic
study in the future. In the present finite-element simula-
tions, each element corresponded to one single crystal,
and 125 elements were used to represent random crystal
orientations in the twin plane.

Appendix B. Supplementary material

Supplementary data associated with this article can be
found, in the online version, at http://dx.doi.org/10.1016/
j.actamat.2012.09.052.
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Table A1
Material parameters in crystal plasticity modeling.

C11 (GPa) C12 (GPa) C44 (GPa) _c0 m Hard I, II Soft h0 (GPa) a

s0
i (MPa) ssat

i (MPa) s0
i (MPa) ssat

i (MPa)

170 124 75 10-3 0.023 205 210 170 180 1 0.5
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