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Abstract

Ultrafine-grained (UFG) or nanocrystalline (NC) Cu–Al alloys were prepared using equal-channel angular pressing (ECAP) to inves-
tigate the influence of stacking fault energy (SFE) on the microstructural evolution during deformation and the corresponding mechan-
ical properties. The grain refinement mechanism was gradually transformed from dislocation subdivision to twin fragmentation by
tailoring the SFE of alloys. Meanwhile, homogeneous microstructures and nanoscale grains were readily achieved in the low-SFE
Cu–Al alloys and the equilibrium grain size was decreased by lowering the SFE. Moreover, in the Cu–Al alloy with extremely low
SFE, shear fracture occurred during ECAP at strain levels higher than two due to the formation of macroscopic shear bands. In addition,
the normalized deformation conditions at large strain were qualitatively discussed. More significantly, the strength and uniform elonga-
tion were simultaneously improved by lowering the SFE. This simultaneity results from the formation of profuse deformation twins and
microscale shear bands, and their extensive intersections.
� 2008 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Over the past decade, substantial grain refinement from
the micrometer to the sub-micrometer or nanometer level
through the application of severe plastic deformation
(SPD) [1] has attracted considerable attention due to its
potential to significantly enhance the mechanical properties
of materials. Various techniques based on SPD, such as
equal-channel angular pressing (ECAP) [2–7], high-pres-
sure torsion (HPT) [8,9], accumulative roll bonding [10],
ball milling (BM) [11], surface mechanical attrition treat-
ment (SMAT) [12,13] and dynamic plastic deformation
(DPD) [14,15], have been widely developed to produce
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ultrafine-grained (UFG) or nanocrystalline (NC) materials,
reaping remarkable improvements in the mechanical prop-
erties. Of these various processes, ECAP is the most versa-
tile processing technique used to fabricate large billets of
bulk, dense and contamination-free UFG materials that
can be used in a wide range of structural applications. Since
the cross-section geometry is unchanged after pressing,
repetitive pressings and different routines can be easily per-
formed in the same sample. Thus, this technique can pro-
vide sufficiently high strain to harvest fairly homogeneous
microstructures and extensively refined grains [2].

It has been well-documented that the microstructural
evolution and grain refinement during ECAP generally
originate from various dislocation activities in the metals
with medium or high stacking fault energy (SFE), e.g. Al,
Cu, Fe, Ni [3–7,16,17]. Previous studies indicate that grain
refinement is predominately operated by accumulation,
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interaction, tangling and spatial rearrangement of disloca-
tions. At low strain levels, each grain is divided into many
volume elements on account of the differences in the number
and selections of active slip systems. These volume elements
are separated by geometrically necessary boundaries
(GNBs) and incidental dislocation boundaries (IDBs) within
the grains. Further plastic strain will increase the misorienta-
tions of GNBs and IDBs leading to the formation of high-
angle grain boundaries, as well as smaller grains inside the
original coarse grains. This is the well-known dislocation
subdivision mechanism [1–4]. With increasing degree of
deformation, however, rather than grain refinement, the
most pronounced microstructural change is an increment
in the portion of high-angle grain boundaries. Typically,
the equilibrium grain size obtained via the dislocation subdi-
vision mechanism is not within the nanometer scale
(<100 nm) but in the UFG range (100 nm–1 lm). For exam-
ple, the limiting grain size of Al [3,4,18] is about 0.5–1.5 lm,
while for Cu [5,18] and Fe [16], the minimum grain sizes are in
the range of 200–300 nm. The limitation of grain refinement
can be attributed to the extensive dynamic recovery balanc-
ing multiplication and annihilation of dislocations, usually
happened in the materials with the high-/medium-SFE.
The annihilation processes are also facilitated by more inter-
actions between dislocations and grain boundaries. Conse-
quently, no more dislocation boundaries can be formed,
hindering the further subdivision of grains.

However, nanoscale grains via plastic strain-induced
refinement in these high- or medium-SFE materials (such
as Cu) can be achieved by the BM, SMAT and DPD with
extremely rigorous deformation conditions [11–15]. By
restricting the dislocation motion in these methods, defor-
mation twinning, a prominent deformation mechanism in
low-SFE materials, plays a crucial role in grain refinement
[19,20]. Therefore, it is reasonable to expect that the grain
size can also be refined down to the nanoscale for metals
with low SFE even under relatively gentle deformation
conditions. For example, the minimum grain size is about
10 nm in Cu–30% Zn processed by HPT [21,22], and
31 nm for austenite and 74 nm for martensite in austenitic
stainless steel by ECAP [23]. In practice, refinement via
deformation twinning primarily stems from the interac-
tions between dislocations and twin boundaries resulting
in the fragmentation of twin bundles. This is the well-estab-
lished twin fragmentation mechanism [12–15]. However,
the transition of microstructural evolution from high-
SFE metals to extremely low-SFE metals is less informed.
In this work, regarding the significance of SFE in plastic
deformation, we investigate the influence of SFE on the
microstructure of Cu–Al alloys during the ECAP process.

With significant grain refinement, such metals typically
have very high strength, several times higher than that found
in their coarse-grained (CG) counterparts; unfortunately,
their inadequate ductility has become an essential drawback
that has limited their practical applications. As widely
accepted, the ductility of metallic materials is controlled by
strain hardening, which is caused by the accumulation of
crystalline defects and makes further deformation harder.
On the microscale, due to nearly saturated defects intro-
duced during processing and diminished dislocation activi-
ties in ultrafine grains, these strong materials tend to lose
the ability to store dislocations and the capacity for strain
hardening. On the macroscale, the Consideré criterion gov-
erns the onset of localized deformation in tension:
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where r and e are the true stress and true strain, respec-
tively. This well-known criterion also predicts that the as-
processed UFG/NC alloys will lose the strain hardening
quickly once yielding occurs, enhancing the propensity
for plastic instability in the early stage of plastic deforma-
tion [24]. Accordingly, the disappointingly low tensile uni-
form elongation of those UFG materials is mainly imputed
to this vulnerability to localized deformation/failure modes
that plagues nearly all UFG and NC materials.

Despite several strategies being proposed to improve the
tensile uniform elongation, the simultaneous upgrading of
global mechanical properties is not readily achieved in bulk
UFG/NC metals [25]. Recently, Zhao et al. [19] hypothe-
sized that the properties of these materials can be melio-
rated by changing the SFE, and we have reported that
the simultaneous increase in strength and ductility was
achieved in Cu–Al alloys after 1-pass ECAP through the
lowering of their SFE [20]. Therefore, tailoring SFE by
alloy design may be a utilizable approach to upgrade the
mechanical properties of UFG/NC materials. Thus,
through the ECAP technique, we expect to gain a relatively
homogeneous microstructure in UFG/NC Cu–Al alloys
with a wide range of SFEs and critically discuss several
questions in this manuscript: how does the SFE affect the
microstructural evolution during ECAP? As the micro-
structures and refinement mechanisms in the present work
and those with rigorous loading conditions mentioned
above are similar [11–15], is there any relationship between
them? How do the mechanical behaviors of these UFG/NC
metals perform and how does the SFE influence them?
These essential issues are meticulously elucidated through
systematic investigation and detailed analysis.
2. Experimental procedure

With regard to the numerous investigations into the
microstructural evolution of metals with high or medium
SFE, three Cu–Al alloys with medium and low SFEs
(Cu–5 at.% Al, 28 mJ m�2; Cu–8 at.% Al, 17 mJ m�2;
and Cu–16 at.% Al, 6 mJ m�2) were selected for this
work [26]. First, the Cu–Al alloys with different Al con-
tents were cast into ingots and then cold drawn into rods
8 mm in diameter. Before pressing, the Cu–Al alloy rods
were annealed at 800 �C for 2 h to diminish the effect of
mechanical processing and obtain homogeneous
microstructures.



Fig. 1. SEM–ECC micrographs of annealed CG Cu–Al alloys: (a) Cu–5
at.% Al; (b) Cu–8 at.% Al; (c) Cu–16 at.% Al.
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After that, the annealed CG Cu–Al alloy rods were cut
into samples 45 mm in length for the ECAP process. The
ECAP procedure was performed using a die fabricated
from tool steel with two channels intersecting at an inner
angle of 90� and an outer angle of 30�, accordingly yielding
an effective strain of �1.15 for each pass. All the rods
coated with a MoS2 lubricant were pressed at room tem-
perature (RT) with a pressing speed of 9 mm min�1. The
Cu–5 at.% Al and Cu–8 at.% Al alloys were processed
for 1–4 passes with route BC (90� clockwise rotation
around the sample axis between the pass), which is the
most effective routine for the grain refinement [27]. How-
ever, the Cu–16 at.% Al alloy was only processed for one
or two passes because it often failed by a shear fracture
during the third pass.

A scanning electron microscope–electron channeling
contrast (SEM–ECC; Cambridge S-360) technique was
used to characterize the microstructures of the annealed
CG Cu–Al alloys. The SEM–ECC micrographs in Fig. 1
reveal that the average grain size was estimated to be in
the range of 100–500 lm and annealing twins with microm-
eter-dimension lamellae were frequently observed. After
ECAP, the microstructure characterization was performed
by transmission electron microscopy (TEM) on JEM-
2000FXII and JEM-2010 transmission electron micro-
scopes operated at 200 kV. Thin foils for TEM observa-
tions, cut from the Y plane [2] in the centers of the
pressed rods using spark cutting, were first mechanically
ground to about 50 lm thick and then thinned by a twin-
jet polishing method in a solution of 25% phosphoric acid,
25% ethanol and 50% water with a voltage of 8–10 V at
RT. Bright field images were taken on a transverse section
along the h110i zone axis. Microstructural features of bulk
samples processed by ECAP for four passes were also
examined electron backscattered diffraction (EBSD) with
LEO SUPRA35 SEM. Using this method, Kikuchi pat-
terns can be obtained automatically at a step of 0.05 lm
and the corresponding orientation angle resolution can be
improved to about 1� when an emission field gun scanning
electron microscope with a small beam spot size was used.

Tensile specimens with a dog-bone shape were cut into a
gauge length of 8 mm, with a width of 2 mm and a thick-
ness of 1 mm from the processed billets along the extrusion
direction of ECAP. Tensile tests were carried out at RT
with an Instron 8871 testing machine operating at a strain
rate of 5 � 10�4 s�1 for both the CG reference material and
the ECAP-processed specimens. At least two tensile tests
were performed on each sample condition to substantiate
the reproducibility of the stress–strain curves.

3. Experimental results

3.1. Microstructures of Cu–Al alloys after ECAP processes

3.1.1. Microstructural evolution of Cu–5 at.% Al alloy

Fig. 2 presents typical bright-field TEM micrographs of
the microstructures of Cu–5 at.% Al alloy subjected to
ECAP for 1–4 passes. At the initial stage of deformation,
the microstructures mainly consist of strongly elongated
subgrains/cells with roughly parallel lamellar boundaries,
as also observed in pure Cu and Al [1,2]. These lamellar
boundaries with average spacing of approximately 200–
400 nm, recognized as GNBs, can accommodate the
glide-induced lattice rotation in the adjoining volume. Dif-
ferent from the microstructures of Cu after 1-pass ECAP, a
few mechanical twins can be observed in some deformed
grains due to its relatively low SFE, as depicted in
Fig. 2(b). After two passes, the spacing of boundaries
was significantly decreased and had a mean value of
�100 nm, while several microscale shear bands (SB)
formed (Fig. 2(c)). In a few zones of samples, Fig. 2(d)



Fig. 2. Bright-field TEM images of microstructures of CG Cu–5 at.% Al alloy after ECA pressing for: (a and b) one pass; (c and d) two passes; (e and f)
three passes; (g and h) four passes.
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demonstrates that twin-matrix (T-M) lamellae formed,
which is attributable to the decrease of SFE and favorable
crystallographic orientations for twinning, and traversed
the lamellar boundaries facilitating the grain refinement.

The microstructures after three passes are shown in
Fig. 2(e) and (f). The fraction of the strongly elongated
lamellar boundary structure essentially decreased; mean-
while, the activation of different slip systems truncated pre-
vious lamellar boundaries into approximately equiaxed
subgrains, leading to a relatively homogeneous structure.
As illustrated by the arrows in Fig. 2(f), extremely high-
density dislocations located at the T-M lamellae imply a
large stress concentration in these regions, which can help
break deformation twins and refine grains with further
deformation [13,14]. Thus, although the mechanism of
grain refinement in Cu–5 at.% Al is still dominated by
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the dislocation activities, it provides substantial evidence
about the transition of refinement mechanism from the dis-
location subdivision to the twin fragmentation. After four
passes, the corresponding selected-area electron diffraction
(SAED) pattern (Fig. 2(g)) shows large misorientations
between subgrains in most areas, indicating the formation
of a uniformly equiaxed subgrain structure. Meanwhile,
there are a few nanosized twins in ultrafine Cu–5 at.% Al
grains, as indicated in Fig. 2(h). Notwithstanding that the
proportion of equiaxed subgrains is very large, the final
microstructure is not consistently uniform across the whole
sample. This implies that 4-passes pressing is not enough to
produce a wholly homogeneous microstructure of ultrafine
Cu–5 at.% Al alloy.

3.1.2. Microstructural evolution of Cu–8 at.% Al alloy

The resulting microstructures of the pressed Cu–8 at.%
Al alloy for 1–4 passes are depicted in Fig. 3(a)–(h), respec-
tively. After the first pressing, profuse thin mechanical
twins with a thickness of several tens of nanometers formed
in most grains, as frequently observed in Cu samples pro-
cessed by SMAT [13] and DPD [14]. Our previous study
showed that these thin twins and bundles are characteristic
features of low-SFE Cu–Al alloys after plastic deformation
and play crucial roles in strain hardening [20]. However,
the twin bundles are not straight but curved gently in some
regions, which can be attributed to the unique deformation
mode of ECAP. During the deformation, the high-density
deformation twins formed before passing through the main
shear plane and then were inflected in response to the local
shearing in the die. Besides the deformation twins, shear
bands with a width of about 400 nm can also be observed
occasionally. Unlike as-processed Cu–5 at.% Al alloy after
1-pass ECAP, no well-developed subgrains were detected in
the grains where twins are evident. Fig. 3(c) and (d) reveals
that, after two passes, the formation of profuse secondary
twins and twin intersections leads to a finer twin network.
It is interesting to find that the secondary twins are roughly
perpendicular to the primary twins; this was also observed
in Cu–Si alloys subjected to 1-pass ECAP and proved by
the SAED pattern [28]. Apparently, the existing primary
twins block the propagation of secondary twins by restrict-
ing the mean free path of the twin dislocations. In parallel,
more deformation twins and extensive twin intersections
form, indicating that more twinning systems have been
activated to accommodate an increased shear strain. Mean-
while, similar to the scenic displayed in Fig. 2(f), high-den-
sity dislocations resided inside T-M lamellae.

Fig. 3(e) and (f) illustrates that roughly equiaxed grains
formed in several areas and resultant twins can be observed
frequently after three passes. However, the density of
mechanical twins significantly decreased due to the frag-
mentation of many T-M lamellae through the complicated
interactions between dislocations and twin bundles, result-
ing in the formation of nanograins. Fig. 3(g) confirms the
formation of equiaxed nanocrystallites with random orien-
tations in most regions after 4-pass ECAP. The corre-
sponding SAED pattern shows a set of nearly continuous
rings without any obvious preferential orientation which
clearly shows the uniform distribution of misorientation
between nanograins. The average grain size is approxi-
mately 82 nm, apparently lower than that of as-processed
Cu–5 at.% Al, whose average grain size is about 107 nm,
according to the statistical data shown in Fig. 4. In addi-
tion, the closer observation of a typical dark-field image
(Fig. 3(f)) reveals the formation of nanograins inside the
T-M lamellae. This convincingly validates the hypothesis
that the fragmentation of twin bundles plays a decisive role
in the grain refinement. More distinctly, as-processed
microstructures of Cu–8 at.% Al alloy after ECAP are
more homogeneous than those of Cu–5 at.% Al alloy,
which may be a result of the influence of SFE on the defor-
mation mechanism and grain refinement, and will be dis-
cussed in Section 4.1.1.

3.1.3. Microstructural evolution of Cu–16 at.% Al alloy

Fig. 5 demonstrates the microstructural evolution of the
Cu–16 at.% Al alloy during ECAP processes by TEM obser-
vations. After one pass, deformation twins are evident in
nearly all the grains; concurrently high-density dislocations
were accumulated in the T-M lamellae. In contrast to the
Cu–8 at.% Al alloy, the corresponding SAED pattern exhib-
its not only superposition of a couple of h011i diffraction
patterns which are symmetrical to each other with respect
to the {111} plane, indicative of a typical twin relationship,
but also several streaks proving that there are many stacking
faults (SFs) inside the T-M lamellae, as observed in Fig. 5(a).
Aside from the formation of profuse SFs and mechanical
twins, the secondary twins were also frequently observed in
the as-processed Cu–16 at.% Al alloy (see Fig. 5(b)). In addi-
tion, in the high-density twin bundle regions, a number of
microscale shear bands formed and their density was much
higher than that in Cu–8 at.% Al alloy subjected to the same
strain. Moreover, the SAED pattern confirms that some sub-
grains with an average transverse size of several hundreds of
nanometers formed inside these bands, as displayed in
Fig. 5(c). Thus, besides the high density of twins, the forma-
tion of vast SFs and microscale shear bands can help carry
the severe plastic deformation in Cu–16 at.% Al alloy with
extremely low SFE.

Typical bright-field TEM images of microstructures in
Cu–16 at.% Al alloy after 2-pass ECAP process are exhib-
ited in Fig. 5(d)–(f). In many zones, more mechanical twins
and SFs were apparently detected with increased plastic
strain, as displayed in Fig. 5(d). Furthermore, the density
of microscale shear bands was increased greatly and previ-
ously formed shear bands grew quickly with a transverse
size from 1.3 to 4.3 lm. Additionally, closer observation
revealed that the microstructures in these larger shear
bands are characterized by nanoscale equiaxed grains with
an average size of approximately 50 nm. The correspond-
ing SAED pattern indicates that the nanograins are uni-
formly distributed in these bands. Differing from the two
previous Cu–Al alloys, the Cu–16 at.% Al alloy was often



Fig. 3. TEM micrographs of microstructures of CG Cu–8 at.% Al alloy after ECA pressing for: (a and b) one pass; (c and d) two passes; (e and f) three
passes; (g and h) four passes.
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broken by a number of visible shear cracks when subjected
to multiple-pass ECAP, as mentioned in Section 2 and this
will be further discussed in Section 4.1.2.

3.2. EBSD characterization of Cu–Al alloys after 4-pass

ECAP

In order to characterize the homogeneity of the post-
deformation microstructure on a larger scale, the advanced
EBSD technique was used to investigate the morphology,
grain size and misorientation distributions of Cu–5 at.%
Al and Cu–8 at.% Al alloys after ECAP for four passes.
From the corresponding EBSD images in Fig. 6(a) and
(b), it can be seen that the final refinement results are signif-
icantly distinct from each other due to their different refine-
ment mechanisms. The microstructure of the ECAPed Cu–
5 at.% Al alloy consists mainly of equiaxed and elongated
grains, and is less homogeneous than that of the processed



Fig. 4. Statistic grain size of alloys after 4-pass pressing measured by TEM: (a) Cu–5 at.% Al; (b) Cu–8 at.% Al.

Fig. 5. TEM micrographs of microstructures of CG Cu–16 at.% Al alloy after ECA pressing for: (a–c) one pass; (d–f) two passes.
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Cu–8 at.% Al alloy, whose grains are nearly equiaxed.
Also, the Cu–8 at.% Al alloy has a somewhat finer grain
size (�152 nm) than the Cu–5 at.% Al alloy (�168 nm),
both of whose grain sizes were automatically determined
by the grain area determination method of the Channel 5
Software, as illustrated in Fig. 7(a) and (c). Thus, the ten-
dency towards homogeneity of microstructures and grain
size is consistent with the results obtained by TEM. Never-
theless, the average grain size obtained by the EBSD tech-
nique is clearly larger than that detected by TEM. This
discrepancy can be due to the different intrinsic resolution
ability of the two characterization methods.



Fig. 6. EBSD maps concerning microstructures of alloys after 4-pass pressing: (a) Cu–5 at.% Al; (b) Cu–8 at.% Al.
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The distributions of the misorientation angles in the two
Cu–Al alloys are presented in Fig. 7(b) and (d), respec-
tively. It is the large volume fraction of high-angle grain
boundaries that powerfully substantiates the formation of
the relatively homogeneous fine microstructures after 4-
pass ECAP. However, from the statistic data, the corre-
sponding fraction of the high-angle grain boundaries for
Fig. 7. Misorientation angle and grain size distributions of alloys after 4-pass p
the ECAPed Cu–5 at.% Al alloy is about 49%, which is
essentially lower than that of the ECAPed Cu–8 at.% Al
alloy, which is as high as approximately 62% if 15� is con-
sidered to be the critical value of high-angle grain bound-
aries. This difference between the two Cu–Al alloys
signals the influence of the refinement mechanism on the
effectiveness of grain refinement.
ressing obtained by EBSD: (a and c) Cu–5 at.% Al; (b and d) Cu–8 at.% Al.



Fig. 8. Tensile engineering stress–strain curves of Cu–Al alloys before and
after ECAP: (a) Cu–5 at.% Al (A); (b) Cu–8 at.% Al (B); (c) Cu–16 at.% Al
(C). The number (0–4) means the number of ECAP passes.
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In this work, owing to the limited resolution ability, a
scan step of 50 nm made some nanograins and nanoscale
twins (below 50 nm) difficult to detect. Thus, it is reason-
able to assume, as mentioned above, that the relatively lar-
ger grain size obtained by SEM/EBSD can be ascribed to
the relatively low resolution compared with TEM, and
the distribution of high-angle grain boundaries is also influ-
enced to some extent; meanwhile, the high internal stress of
the Cu–Al alloys after 4-pass ECAP also affected the qual-
ity of measurements. Notwithstanding this, the general ten-
dency representing grain refinement and the homogeneity
of microstructures is apparent, i.e. the equilibrium grain
size significantly decreases and the microstructures become
more homogeneous by lowering the SFE in Cu–Al alloy
under the same processing conditions.

3.3. Tensile properties of Cu–Al alloys after ECAP processes

Fig. 8 shows the tensile engineering stress–strain curves
of the three Cu–Al alloys processed from 0- to 4-pass
ECAP. The mechanical properties, including yield stress
(YS), ultimate tensile stress (UTS) and uniform elongation
(UE), as a function of the number of ECAP passes are
summarized in Fig. 9 and the corresponding data are listed
in Table 1. As shown in the figure and table, strengths,
including YS and UTS, are drastically enhanced at the ini-
tial deformation stage. With further deformation they
slowly increase and approximately reach saturation for
specimens subjected to three passes of ECAP. In line with
early investigations [1], plastic instability with the onset of
necking also occurred during the early stage of tensile
deformation in the three Cu–Al alloys after ECAP pro-
cesses. However, the UE of the processed Cu–Al alloys
showed a slight increase with the number of passes, which
can be attributed to a smaller decrease in the strain harden-
ing rate H as the stress (and strain, respectively) increases
[5] (H can be defined by H ¼ ð1r @r

@e Þ_e where r is true stress
and e is true strain). Besides, the elongation to failure is
low and nearly remains constant from 10 to 15% over all
passes in the three alloys.

More significantly, in parallel with the enhancement in
strengths and slight improvement in UE with increasing
number of ECAP passes, both strength and UE are
simultaneously upgraded by lowering the SFE, as dis-
played in Fig. 10. Compared with the data in Ref. [5],
both the UTS and UE of the ECAPed Cu–16 at.% Al
alloy with an SFE of about 6 mJ m�2 are nearly twice
as large as those of UFG Cu with an SFE of approxi-
mate 78 mJ m�2, even though only 2-pass ECAP was
applied. This significant improvement in UE caused by
lowering the SEF in Cu–Al alloys subjected to the large
plastic deformation may originate from the amelioration
of the strain hardening rate of specimens. This indicates
that the ability of work hardening by the accumulation
of dislocations can be regained consequently leading to
a larger UE. Therefore, it is reasonable to conjecture
that the difference in H may be closely related to the
influence of the corresponding microstructures of these
alloys after ECAP processing.

4. Discussion

4.1. Effect of SFE on microstructures induced by ECAP

An extended screw dislocation is not able to cross slip
unless its two partial dislocations recombine into a perfect
dislocation; however, this requires energy [29]. The greater



Fig. 9. Mechanical properties of Cu–Al alloys before and after ECAP,
including (a) yield stress; (b) ultimate tensile stress; (3) uniform elongation
(the data of CG alloys are not shown here).
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the width of the SF (the lower SFE) is, the more difficult it
is to produce constrictions in it, which will restrict the dis-
location activities. Further, cross slip, as an essential
dynamic recovery mechanism, plays a crucial role in the
rearrangement and annihilation of screw dislocations facil-
itating the formation of cell-like structures. On the other
hand, limited dislocation motion in low-SFE materials
restricts the dynamic recovery to form the planar-type dis-
location configuration and increases the propensity to form
mechanical twins [29]. Thus, owing to the influence of SFE
on the dislocation configurations and deformation mecha-
nisms, it must result in the significant difference in the
refinement mechanisms, equilibrium grain size and shear
bands, which will be discussed separately below.

4.1.1. Refinement mechanisms and microstructural evolution

In the high-/medium-SFE materials, the plastic strain-
induced grain refinement is via dislocation manipulation
and accumulation [27]. During the early stage of deforma-
tion, strong dislocation activities result in the formation of
dense dislocation walls or cell walls, and these dislocation
configurations subdivide the original coarse grains. With
increasing strain, the walls are transformed into sub-
boundaries by depositing and recombining more disloca-
tions. The energy and misorientations of sub-boundaries
are progressively raised by increasingly generating and
annihilating dislocations in the sub-boundaries with further
deformation. Consequently, the orientations between
grains become fairly random, forming the high-angle
boundaries which will be sharpened into conventional
grain boundaries through dynamic recovery, and a stabi-
lized grain size is developed as a result of the balance
between multiplication and annihilation of dislocations
[3–6]. As illustrated in Fig. 2, the grain refinement of Cu–
5 at.% Al alloy was predominantly operated by this mech-
anism. Nevertheless, it is inevitable that, due to its obvi-
ously lower SFE than that of pure Cu, some CG grains
with proper crystallographic orientations for twinning
can be refined through the fragmentations of deformation
twins. Because of this, there must be a transition zone in
the refinement mechanism from dislocation subdivision to
twin fragmentations by lowering the SFE of metals.

In contrast to the metals with high or medium SFE,
grain refinement in the materials with low SFE will be pre-
dominately operated through twin fragmentations since
their deformation involves not only dislocation glide but
also deformation twinning. As discussed above, the low
SFE will suppress the dislocation motions and, as a result,
the deformation twinning becomes increasingly significant
in carrying more plastic strain during ECAP. Thus, as
shown in Figs. 3 and 5, the formation of the high-density
nanoscale twins subdivided the original coarse grains into
thin T-M lamellae at the initial stage of the ECAP process
in the Cu–8 at.% Al and Cu–16 at.% Al alloys with lower
SFE. This is viewed as a crucial step in the easy formation
of the subsequent nanostructure. With the further imposi-
tion of plastic strain, these lamellae will be ‘‘cut” by dislo-
cation activities and intersections of twins [13,23]. It is this
‘‘cutting” behavior that transforms 2D T-M lamellae into
real three-dimensional nanograins. Therefore, it is reason-
able to conclude that the formation of nanometer grains
in the Cu–Al alloys with lower SFE is via the fragmenta-
tion of these nanoscale twins [13].

In addition, the formation of well-developed shear
bands is beneficial to refining the grains, and two kinds
of fine grains in these bands were detected: highly elon-
gated nanograins along the shear direction and relatively
equiaxed ones obtained through cutting the T-M lamellae,
as demonstrated in Figs. 2(c) and 5(f), respectively. And the



Table 1
Tensile properties of three Cu–Al alloys subjected to different passes of ECAP.

ECAP passes 0 1 2 3 4

Cu–5 at.% Al YS (0.2%) (MPa) 67 393 487 532 545
UTS (MPa) 234 403 500 582 590
Uniform elongation (%) 1.28 1.30 1.49 1.91

Cu–8 at.% Al YS (0.2%) (MPa) 75 483 618 679 670
UTS (MPa) 261 545 669 720 722
Uniform elongation (%) 1.94 1.87 1.90 1.96

Cu–16 at.% Al YS (0.2%) (MPa) 89 623 740
UTS (MPa) 340 694 862
Uniform elongation (%) 1.89 2.23

Fig. 10. Relationship between ultimate tensile stress and uniform elon-
gation of CG- and UFG-Cu [5] and Cu–Al alloys with the numbers of
pressings, showing the effects of adding Al element and SPD processing on
the mechanical properties.
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different morphologies of these grains must be due to the
distinct types and formation mechanisms of shear bands
that are highly influenced by SFE [30], and will be dis-
cussed later.

Aside from the refinement mechanism, the microstruc-
ture of Cu–8 at.% Al alloy is more homogeneous than that
of Cu–5 at.% Al alloy after ECAP for four passes. In addi-
tion, it has also been reported that the homogenous micro-
structure of Al can be achieved after four passes; however,
10 passes is required for the uniform distribution of grain
size in Cu [18]. These discrepancies in microstructure evo-
lution may stem from the influence of SFE on the deforma-
tion. On the one hand, in comparison with the high-SFE
materials, the materials with medium SFE have a lower
rate of recovery due to the relatively weak dislocation
activities, resulting in a slower evolution of uniform micro-
structures [18]. On the other hand, deformation twinning
transforms homogeneously deformed face-centered cubic
(fcc) metals into a laminar fine structure, which will be fur-
ther divided by the alternating T-M layers and the intersec-
tions of twins. These behaviors accelerate the formation of
nanograins with a uniform distribution. Nevertheless,
under the deformation conditions of ECAP, it is more dif-
ficult to form homogeneously twinned structures in med-
ium-SFE metals compared with in low-SFE metals.
Consequently, the formation of uniform microstructures
is most challenging in the medium-SFE materials. As a
conclusion, the homogeneous microstructure of materials
with either high or low SFE is much more readily achieved
than that of metals with medium SFE when subjected to
SPD.

4.1.2. Shear bands
Shear banding is a crucial event of microstructure

behavior in fcc metals at large plastic deformation. Its
characteristics are determined by many factors, including
the method of deformation, strain magnitude, temperature
and strain rate, grain size and SFE [30]. According to the
values of SFE, two kinds of shear bands can be distin-
guished and classified into ‘‘copper-type” and ‘‘brass-type”

[30]. The former can always be formed against a back-
ground of band-like dislocation structures of elongated
cells in high- or medium-SFE materials, as shown in
Fig. 11(a); the latter will often be observed in metals with
medium-/low-SFE in which the cross slip is suppressed to
some extent and deformation twinning becomes an essen-
tial deformation mechanism, as displayed in Fig. 11(b).
The effects of SFE on the formation and morphology of
shear bands have been studied previously [31]: if the SFE
is higher, as in the case of Cu [32], the formation of shear
bands is delayed; if the SFE is lower, as in the case of
Cu–16 at.% Al alloy, shear bands occur at lower strain,
all of which have been detected in the present experiments.

The distinct morphologies of two types of shear bands
can be ascribed to their different formation mechanisms.
In the case of ‘‘copper-type” shear bands, this microstruc-
ture instability stems from the rigid rotation of the micro-
bands but is not related to the crystalline morphology at
very high strain level [32], as illustrated in Figs. 2(c) and
11(a). Meanwhile, in the high-/medium-SFE materials,
extensive dynamic recovery can make the boundaries
somewhat sharper. In contrast, the origination of ‘‘brass-
type” shear bands is attributable to the simple rotation of
the twinned structure into the observed orientation [30],
and evidence of the necessary curvatures of twins were fre-
quently observed in Figs. 3(b) and 11(b). Both kinds of
shear bands are initially confined to individual grains; how-



Fig. 11. Typical bright-field TEM images of two types of shear bands formed during the ECAP: (a) copper-type shear bands in the Cu–5 at.% Al; (b)
brass-type shear bands in the Cu–8 at.% Al.

Fig. 12. Normalized equilibrium grain size obtained by ECAP [17,18,35]
and BM [34] as a function of the normalized SFE.
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ever, they will penetrate grain boundaries or traverse the
twinned regions during the later stages of plastic
deformation.

For materials with extremely low SFE, macroscopic
shear bands (MSBs) readily appear at a high strain level
and then traverse the sample during plastic deformation,
finally leading to fracture along these MSBs. For exam-
ple, MSBs were developed during the rolling process, as
the strain increased to about 2.1 and 2.8, respectively, in
Cu–4.1% Si alloy with an SFE of about 13 mJ m�2 and
Cu–30% Zn alloy with an SFE of about 15 mJ m�2

[32]. Accordingly, it is rational to expect the formation
of MSBs to result in the fracture along the main shear
plane during the third pass of ECAP pressing with a
strain of about 2.3–3.45 in Cu–16 at.% Al alloy with
an SFE of about 6 mJ m�2. The formation of these
MSBs may arise from the profuse microscale shear bands
at high strain level making the volume fraction of the
twinned materials insufficient to sustain fresh bands.
Thus, with further deformation, these MSBs will propa-
gate across the whole sample, eventually breaking up
these materials [32].

4.1.3. Equilibrium grain size

Previous studies have shown that the equilibrium grain
size obtained by the plastic deformation-induced refine-
ment is governed by many factors, mainly including the
external factors, i.e. loading modes, strain magnitude, tem-
perature and strain rate, and intrinsic factors, e.g. hard-
ness, SFE, melting point, activation energy and bulk
modulus [33,34]. During the ECAP processes, there is also
a limiting grain size, e.g. �200 nm for Cu [5,18], �350 nm
for Ni [17] and �1.3 lm for Al [18], all of whose refinement
mechanisms are operated via dislocation subdivision. In
the early investigations, it was reported that the equilib-
rium grain size decreased by lowering the SFE. As shown
in Figs. 4 and 7, the minimum grain sizes decrease from
the ultrafine-scale to the nanoscale by lowering the SFE
of Cu–Al alloys, which is concomitant with the transforma-
tion of the refinement mechanism.

Fig. 12 shows the dependence of the normalized limiting
grain size, dmin/b, on the normalized SFE, c/Gb, collected
from the data reported previously in the fcc metals pro-
cessed by ECAP, which roughly follows a linear
relationship:

dmin=b ¼ Kðc=GbÞ ð2Þ
where K is a dimensionless parameter (K ¼ ðdminGÞ=c), b is
Burgers vector and G is the modulus of elasticity in shear
(shear modulus) of the corresponding fcc metals. The data
are listed in detail in Table 2. Similar relationships between
the limiting grain size and SFE were also substantiated in
other deformation modes, such as BM [34] and HPT
[21,22]. Nevertheless, as exhibited in Fig. 12, comparing
the K values obtained by the two different deformation
conditions, the K value after ECAP (KECAP = 18670) is
remarkably higher than that under HPT (KHPT = 4950),
whose deformation condition is more rigorous than that
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of ECAP [22]. This significant distinctness of the slope (K)
apparently shows that the dependence of dmin on the SFE
of materials drastically decreases with increasing degree
of severity of deformation conditions. As reported in Ref.
[21], under the HPT condition, the grain sizes of metals
can be refined down to the nanometer scale; for example,
the minimum grain size is �10 nm for Cu–30 wt.% Zn with
an SFE of 14 mJ m�2 and �50 nm for Cu–10 wt.% Zn with
and SFE of 35mJ m–2. Even pure Cu with an SFE of
78 mJ m�2 can be refined down to �75 nm, which was
achieved by means of SMAT and DPD [12–15]. Because
no impurities are introduced by the two methods, the large
difference in the limiting grain size of materials processed
by ECAP and HPT must stem from the different external
processing conditions, including the deformation modes,
strain magnitude and strain rate, which also affect the
dependence of dmin on the SFE of materials. In practice,
the grain size of metals with high SFE was also refined
down to the nanometer level by using the BM technique,
under which the dmin shows much less dependence on the
SFE than that processed by HPT and ECAP [34]. How-
ever, owing to the amount of impurities introduced during
processing inhibiting the grain growth, the significantly de-
creased dependence of dmin on the SFE of materials under
BM deformation can only be partly attributed to the extre-
mely severe deformation conditions. Therefore, the mini-
mum grain size does decrease by lowering the SFE
whatever the external deformation conditions are; how-
ever, the dependence of dmin/b on c/Gb, which can be qual-
itatively reflected by the K value, is determined by the
severity grade of external deformation conditions.

4.2. Normalized deformation condition at large strain

It has been widely acknowledged that the microstructure
induced by plastic deformation is intrinsically determined
by two significant deformation mechanisms: slipping and
twinning [29]. The choice of deformation mechanism is pre-
dominately governed by the type of material, the SFE and
the external loading conditions. Thus, similar to the limit-
ing grain size, the post-deformation microstructures are
also essentially influenced by both intrinsic and external
factors.
Table 2
Parameters of fcc metals subjected to ECAP or HPT deformation [17,18,21,26

Deformation modes Metals dmin/b (103) G (GPa) c (

ECAP Al 4.55 26.2 166
Al–3 wt.% Mg 0.94 �25.7 90
Cu 0.78 48 78
Cu–5 at.% Al 0.39 �46.9 28

HPT Cu 0.29 48 78
Cu–30 wt.% Zn 0.04 40.1[21] 14

The G values of alloys processed by ECAP are approximately evaluated by usin
the shear modulus of pure metals; fB is the atomic fraction of component B. T
nearly equal to the atomic fraction in Al–Mg alloys.
In cubic metals, the intrinsic parameter determining the
choice of deformation mechanism most is the value of the
SFE. In the materials with a low SFE, the confinement of
cross slip makes it insufficient to accommodate plastic
deformation by dislocation slip alone; accordingly, defor-
mation twinning can generally occur. As displayed in
Fig. 13, as an evident indictor of twinning propensity, the
twin fault possibility b, defined as the probability of finding
a twin boundary between any two neighboring {11 1}
planes, can be markedly enhanced with the decrease in
SFE of metals or alloys [36,37]. Alternatively, increasing
the strain rate and/or lowering the temperature will restrict
the dislocation motion and increase the critical resolved
shear stress more for slipping than for twinning. As a
result, deformation twinning will be the prominent mecha-
nism to carry plastic deformation, even in materials with a
medium SFE (such as pure Cu). In fact, the influence of
strain rate _e and deformation temperature T on the post-
deformation microstructure and mechanical properties
can be expressed through a single parameter Z (the
Zener–Holloman parameter) [6]:

Z ¼ _e exp
Q

RT

� �
or ln Z ¼ ln _eþ Q

RT
ð3Þ

where Q is the activation energy for diffusion [6]. From the
equation, it can be that increasing _e and/or lowering T

causes an increase in lnZ. As exhibited in Fig. 13, in pure
Cu, the volume fraction of deformation twins a distinctly
increases with increasing value of lnZ by the DPD method
[38]. Consequently, the values of both lnZ and SFE are ex-
tremely crucial for the formation of deformation twins.

Here, grain refinement and microstructures of the low-
SFE Cu–8 at.% Al alloy processed by ECAP with an lnZ
of approximately 25 [6] are analogous with those of Cu
processed by DPD with an lnZ of about 66 [38]. Involun-
tarily, we can presume whether there is a possibility to nor-
malize some factors including external and intrinsic ones,
such as lnZ and SFE, which affect the post-deformation
microstructures and grain refinement mechanisms. Previ-
ous investigations about the Z parameter concentrated
mainly on _e and T in the same materials [6,38]. As a matter
of fact, from Eq. (3), the Z parameter was controlled by
two kinds of factors: Q is an intrinsic parameter; while _e
,34–36].

m J/m2) Metals dmin/b (103) G (GPa) c (m J/m2)

Al–1 wt.% Mg 1.57 �25.9 110
Ni 1.41 76 128
Ag 0.87 30.3 22
Cu–8 at.% Al 0.31 �46.2 17

Cu–10 wt.% Zn 0.19 46.5[21] 35

g the equation Galloy = GA � (1 � fB) + GB � fB [35], where GA and GB are
he G value of Mg is about 17 GPa [35] and the weight fraction of Mg is



Fig. 13. Two excellent indicators of twinning propensity – twin volume
fraction (a) and twin fault possibility (b) – as functions of lnZ and SFE
(c), respectively, i.e. a vs. lnZ [38] and b vs. c [36,37], showing the influence
of external deformation conditions and intrinsic properties of materials on
the ease of deformation twinning.

Fig. 14. Illustration of the deformation microstructure map of materials
at large plastic strain determined by the relationship between lnZ and
SFE.
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and T are highly sensitive to the external conditions. Thus,
it can be speculated that changing the SFE could influence
the activation energy for diffusion Q, which would make
lnZ under ECAP comparable to that under DPD.

The rate of diffusion as well as the energy required to
activate the process can be affected remarkably by the
degree of coincidence of grain boundaries [26]. General
grain boundaries constitute a region of lattice distortion,
resulting in diffusion along a boundary that becomes more
favorable as this distortion increases [26]. However, the dif-
fusion may be delayed for certain boundaries whose atom
arrangement is highly regular, such as twin boundariesP

= 3, leading to the enhancement of activation energy
for diffusion. Owing to the low SFE, these highly regular
boundaries form readily at the initial stage of deformation,
enhancing the tendency to raise the activation energy. In
other words, lowering the SFE to some extent is equivalent
to increasing the activation energy, consequently increasing
the value of lnZ. Furthermore, the relationship between
the minimum grain size and activation energy for diffusion
can indirectly substantiate our speculations by [34]:

dmin=b ¼ 112e�0:0037Q ð4Þ
This implies that a larger Q may result in a smaller lim-

iting grain size during deformation whilst, as discussed in
Section 4.1.3, the limiting grain size decreases by lowering
the SFE. Accordingly, this indirect evidence makes our
hypothesis about the influence of the SFE on lnZ relatively
rational. In principle, lowering the SFE plays a role analo-
gous to increasing lnZ in suppressing dislocation activities
and enhancing the tendency to substitute twinning for slip.

The influences of both factors on the microstructures
after high-strain deformation (e > 2) is preliminarily sum-
marized in Fig. 14. For the metals with high and (extre-
mely) low SFE, the microstructures after large plastic
deformations are basically independent of the external fac-
tors. In high-SFE materials, cell-like microstructures and
subgrains can be formed by extensive dynamic recovery,
with the majority of dislocations residing in the cell walls
and the interior of cells remaining fairly dislocation-free,
[39]. However, their sizes will be reduced very little at
strains above two and the microstructures become stable
by the balance between the multiplication and recovery
processes above the critical strain ecr [39]. Consequently,
cells and subgrains are the main features in the high-SFE
materials. In contrast, profuse deformation twins, SFs,
microscale shear bands and their interactions are ubiqui-
tous in low-SFE materials because the dislocations can be
readily dissociated into partials to form planar arrays of
SFs, leading to the formation of abundant twins [29]. Fur-
thermore, for materials with extremely low-SFE, because
they are unable to sustain more fresh microscale shear
bands, MSBs are readily formed and traverse the whole
sample, resulting in the failure of the materials even under
deformation conditions with low lnZ. Nevertheless, the
microstructures of medium-SFE materials show a signifi-
cantly high dependence on external factors. After the fairly
mild deformation conditions with low lnZ, due to the rel-
atively strong dislocation activities, their microstructures
are similar to those of high-SFE metals. However, the main
microstructures, induced by deformation with a high value
of lnZ constricting the dislocation motions, present fea-
tures that are prominently analogous to those of low-
SFE materials. Consequently, the effect of enhancing lnZ

on deformation behavior and microstructures is, to some
extent, equivalent to lowering the SFE.

4.3. Effect of SFE on mechanical properties

The present investigations provide further experimental
support for the results of Ref. [20] showing that the
strength and ductility can be simultaneously enhanced



Fig. 15. Relationship between mechanical properties and microstructures
of materials processed by various techniques, showing the tendency of
simultaneous improvement of strength and ductility through increasing
the density of twins and SFs.
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through lowering the SFE in Cu–Al alloys. Meanwhile, as
expected from Ref. [20], the mechanical properties can be
further improved by increasing the number of ECAP
passes. In the absence of any effects of the dimensions of
specimens on the tensile behavior [40], this simultaneity
can be ascribed to the distinct microstructures of these met-
als processed by ECAP.

The increase in strength produced by lowering the SFE
can be readily recognized as the consequence of the forma-
tion of profuse SFs, deformation twins and microscale
shear bands, and their interactions [41]. Certainly, the solid
solution of atoms plays a role in enhancing the strength
[29]; however, its influence is negligible compared with
the experimental observations. The microstructures con-
taining SFs, deformation twins and shear bands are highly
anisotropic and resistant to homogeneous deformation by
dislocation glide due to the interactions between moving
dislocations and their boundaries. Acting as obstacles,
shear bands and twin boundaries block the propagation
of slip bands on the intersecting planes and decrease the
slip barrier spacing. They further reduce the linear dimen-
sions over which internal stress concentrations can build
up: increasing stress is required to stimulate further plastic
flow [41]. Moreover, the extent of the increase in strength
can also be ascribed to the formation of deformation twins.
In comparison with the Hall–Petch slopes KS for slip and
KT for twinning [42], it can be found that

KT ffi ð1:5� 7ÞKS ð5Þ
which implies that twin boundaries can block the disloca-
tion glide more effectively than the general grain
boundaries.

As mentioned above, the improvement of ductility can
be attributed to the increase in H, which is controlled by
two components: a dislocation storage (hardening) compo-
nent and a dynamic recovery (softening) component,
related to dislocation annihilation processes [29]. Enhanc-
ing H, which can be achieved by increasing the hardening
component and restricting the softening components, will
help delay the localized deformation and is crucial for ame-
liorating uniform elongation [43]. During the ECAP pro-
cess, in low-SFE materials the development of profuse
twins and SFs can offer ample room for dislocation storage
[44] and suppress dynamic recovery, thereby hindering the
annihilation of dislocation [19]. Furthermore, the intersec-
tion of twins may be propitious to the further enhancement
of the hardening component because it can dramatically
inhibit slip on essentially all slip systems, unlike primary
twins, which only affect non-coplanar slip systems [45].
Thus, the presence of profuse deformation twins and their
intersections can essentially improve H; as a result, the duc-
tility is ameliorated. However, in contrast with their role in
strengthening materials, microscale shear bands provide
few contributions for ameliorating the ductility, since the
formation of these shear bands has no significant effect
on the strain hardening rate [45]. Therefore, the improve-
ment in ductility with a decrease in SFE mainly stems from
the formation of profuse deformation twins, SFs and their
extensive intersections. Besides these factors, the grain
boundaries derived from the twins fragmentation may be
more stable than those formed by dislocation subdivisions.
These equilibrium grain boundaries may aid the enhance-
ment of ductility of UFG/NC metals [46]. However, fur-
ther investigations are needed to validate this speculation.

In combination with the results reported earlier, the rela-
tionship between mechanical properties and microstructures
is summarized in Fig. 15. Strength can be significantly
enhanced by increasing the density of dislocations or grain
boundaries using the SPD technique [1]; however, this will
inevitably deteriorate the ductility of the materials. In contrast
to this trade-off, both the strength and the ductility will be
simultaneously upgraded if profuse twins and SFs are intro-
duced by the deformation or grow-in methods [19,20,47,48].
In the present work, the better properties may be obtained
through low-temperature annealing to remove the resultant
defects formed during ECAP, while an efficient pathway is
provided to prepare the materials with superior properties
and will be further explored elsewhere [49].

5. Conclusions

In this work, we have applied the ECAP technique to
prepare UFG/NC Cu–Al alloys with a wide range of SFEs
and systematically evaluated the influence of those SFEs on
their microstructures and mechanical properties. The
results are summarized as follows.

(1) With the decrease in SFE, a transition of the grain
refinement mechanism from dislocation subdivision
to twin fragmentation was analyzed. In combination
with previous investigations, homogeneous micro-
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structures in materials with a high or low SFE, e.g. Al
and Cu–Al alloys, are much more readily achieved
than in medium-SFE metals, such as Cu. Several
MSBs can be easily formed, resulting in fracture
along the main shear plane in materials with an extre-
mely low SFE at large strain.

(2) The grain size of Cu–Al alloys with a low SFE can be
refined down to the nanometer scale, validating the
fact that the minimum grain size decreased by lower-
ing the SFE. Meanwhile, dmin/b roughly fits a linear
relationship with the normalized SFE, c/Gb, and the
dependence of dmin/b on c/Gb, qualitatively reflected
by the K value, is determined by the degree of severity
of external deformation conditions.

(3) Compared with the other deformation modes, lower-
ing the SFE can also enhance the value of lnZ by
changing the intrinsic factors. This can be indirectly
substantiated by the relationship between the mini-
mum grain size and the activation energy for diffusion.
The factors influencing the microstructure after large
plastic deformation were carefully examined. Differing
from those of high-/low-SFE materials, which are
nearly insensitive to the external deformation condi-
tions, the post-deformation microstructures of med-
ium-SFE materials are highly dependent on them.

(4) The strength and ductility can be simultaneously
improved by decreasing the SFE in Cu–Al alloys,
which can be attributed to the formation of deforma-
tion twins, SFs and microscale shear bands, and their
interactions. Combined with the previous results, it
can be concluded that the ductility will inevitably be
deteriorated only by increasing the density of disloca-
tions and grain boundaries, even though the strength
may be greatly enhanced; however, the simultaneous
amelioration of strength and ductility can be achieved
by increasing the density of twins and SFs through
grow-in methods or controlling the SFE of materials.
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